The microscopic cause of conductivity in transparent conducting oxides like ZnO, In 2 O 3 , and SnO 2 is generally considered to be a point defect mechanism in the bulk, involving intrinsic lattice defects, extrinsic dopants, or unintentional impurities like hydrogen. We confirm here that the defect theory for Ovacancies can quantitatively account for the rather moderate conductivity and off-stoichiometry observed in bulk In 2 O 3 samples under high-temperature equilibrium conditions. However, nominally undoped thinfilms of In 2 O 3 can exhibit surprisingly high conductivities exceeding by 4-5 orders of magnitude that of bulk samples under identical conditions (temperature and O 2 partial pressure). Employing surface calculations and thickness-dependent Hall measurements, we demonstrate that surface donors rather than bulk defects dominate the conductivity of In 2 O 3 thin films. DOI: 10.1103/PhysRevLett.108.016802 PACS numbers: 73.20.Àr, 72.20.Ài, 71.20.Àb Functional oxides in optoelectronic applications are today most commonly employed in the thin-film form [1, 2] . One class of such thin-film materials that is important in solar energy conversion and other technologies are the transparent conducting oxides (TCO) which exhibit the often contradictory coexistence of high conductivity and optical transparency [2] . In many applications, the desired high conductivities of TCO are achieved through addition of extrinsic dopants like, e.g., Sn In in In 2 O 3 [3-5]. However, the TCO prototype oxides, ZnO, In 2 O 3 , and SnO 2 exhibit considerable n-type conductivity even in the absence of intentional doping [1] , which has stirred significant interest towards the microscopic origin of the electron carriers. The explanations for such intrinsic conductivity that have been offered so far are mostly based on bulk defect models, involving intrinsic defects like O vacancies [5] [6] [7] [8] [9] [10] , unintentional impurities like hydrogen [11, 12] , or defect complexes [13, 14] . For bulk In 2 O 3 , we validate the traditional point defect mechanism of Ovacancy formation by a quantitative comparison of experimental literature data for high-temperature equilibrium conditions [7, 15] with predictions from defect theory. At the same time, we demonstrate that such bulk models cannot account for the fact that thin-film conductivities can be 4-5 orders of magnitude higher, and reach TCOlike conductivities above 1000 S=cm in pure In 2 O 3 thin films [1] . Since, on the other hand, it is well known that surface defects play an important role in many oxide applications, like catalysis [16, 17] , we investigate here the possibility that surface defects are the cause of conductivity in thin-film TCO. To this end, we performed surface calculations and thickness-dependent Hall measurements in epitaxial In 2 O 3 films, finding that (i) the formation energies of electron-producing intrinsic surface donors is much lower than that of their bulk counterparts, and (ii) that the surface carrier sheet density dominates the conductivity of epitaxial films up to about 150 nm thickness. Thus, we conclude that the conductivity of In 2 O 3 thin films is decisively controlled by surface defects instead of the traditional bulk defect mechanism. This finding implies that oxides which are nonconductive or even nondopable as bulk materials can nevertheless become highly conductive as thin films.
Functional oxides in optoelectronic applications are today most commonly employed in the thin-film form [1, 2] . One class of such thin-film materials that is important in solar energy conversion and other technologies are the transparent conducting oxides (TCO) which exhibit the often contradictory coexistence of high conductivity and optical transparency [2] . In many applications, the desired high conductivities of TCO are achieved through addition of extrinsic dopants like, e.g., Sn In in In 2 O 3 [3] [4] [5] . However, the TCO prototype oxides, ZnO, In 2 O 3 , and SnO 2 exhibit considerable n-type conductivity even in the absence of intentional doping [1] , which has stirred significant interest towards the microscopic origin of the electron carriers. The explanations for such intrinsic conductivity that have been offered so far are mostly based on bulk defect models, involving intrinsic defects like O vacancies [5] [6] [7] [8] [9] [10] , unintentional impurities like hydrogen [11, 12] , or defect complexes [13, 14] . For bulk In 2 O 3 , we validate the traditional point defect mechanism of Ovacancy formation by a quantitative comparison of experimental literature data for high-temperature equilibrium conditions [7, 15] with predictions from defect theory. At the same time, we demonstrate that such bulk models cannot account for the fact that thin-film conductivities can be 4-5 orders of magnitude higher, and reach TCOlike conductivities above 1000 S=cm in pure In 2 O 3 thin films [1] . Since, on the other hand, it is well known that surface defects play an important role in many oxide applications, like catalysis [16, 17] , we investigate here the possibility that surface defects are the cause of conductivity in thin-film TCO. To this end, we performed surface calculations and thickness-dependent Hall measurements in epitaxial In 2 O 3 films, finding that (i) the formation energies of electron-producing intrinsic surface donors is much lower than that of their bulk counterparts, and (ii) that the surface carrier sheet density dominates the conductivity of epitaxial films up to about 150 nm thickness. Thus, we conclude that the conductivity of In 2 O 3 thin films is decisively controlled by surface defects instead of the traditional bulk defect mechanism. This finding implies that oxides which are nonconductive or even nondopable as bulk materials can nevertheless become highly conductive as thin films.
Oxygen vacancy formation and ionization.-The two central quantities discussed here for In 2 O 3 , the O-deficient nonstoichiometry and the generation of free electrons, are often associated with the (equilibrium) formation of oxygen vacancies [6] 
followed by the thermal ionization of the V O double donors,
The enthalpy 
where ÁH f ¼ À9:6 eV is the heat of formation of In 2 O 3 [18] . Thus, under maximally reducing (In-rich-O-poor) conditions the chemical potentials are Á In ¼ 0, and
For more oxidizing (Inpoor-O-rich) conditions, Á O is determined as a function of the temperature T and the partial pressure pO 2 via the ideal gas law [5] . The release of free electrons, Eq. (2), depends on the donor transition energy "ð2 þ =0Þ (ionization energy) and on the Fermi energy E F . In order to predict the concentrations of O vacancies and free carriers as a function of T and pO 2 , we use a thermodynamic model where we solve numerically a self-consistency condition for the formation energy ÁH½V O , the defect concentration, and the Fermi level E F under the constraint of overall charge neutrality [19] .
Bulk In 2 O 3 .- Figure 1 shows the predicted V O concentrations and carrier densities based on our earlier supercell calculations for the formation energies of intrinsic defects in In 2 O 3 [5] , where we have now taken into account the recent reassignment of the band-gap energy of In 2 O 3 (E g ¼ 3:1 eV at low temperature [20] ) and the results of many-body quasiparticle energy calculations [10, 21] which predict a rather large ionization energy for V O in In 2 O 3 , i.e., "ð2 þ =0Þ ¼ E CBM À 0:7 eV (see also Methods below and Supplemental Material [22] ). While such a deep donor level implies that O vacancies will not lead to significant conductivity under ambient conditions (except, possibly, through the persistent photoconductivity mechanism [5] ), the temperature-induced band-gap reduction of In 2 O 3 of about 1 meV=K [15] decreases the separation energy between the donor level and the conduction band minimum (CBM), thereby leading to a more effective ionization at the high temperatures needed for thermal (equilibrium) generation of O vacancies. For example, we obtain a predicted electron density of n ¼ 10 16 cm À3 at T ¼ 1000 K [ Fig. 1(a) ], which is in good agreement with the corresponding experimental conductivity, ¼ 0:01 S=cm [7] , considering that the respective mobility is in the order of 10 cm 2 =Vs [6] . The temperature dependence of n exhibits an Arrhenius behavior between 750 and 1500 K with an activation energy of E a ¼ 1:8 eV [ Fig. 1(a) ], consistent with experimental observations (E a ¼ 1:5-1:6 eV [7, 15] ). The calculated V O concentration as a function of pO 2 at T ¼ 1073 K, shown in Fig. 1(b) , follows the expected [6] power law with an exponent of À1=6 under all but the most reducing conditions [23] . The calculated off-stoichiometry parameter agrees well (within a factor of 2) with thermogravimetric measurements which have been reported between log½pO 2 =atm ¼ À5 and À15 at the same temperature [24] . Thus, theory consistently explains the experimental conductivity and off-stoichiometry of pure bulk In 2 O 3 in equilibrium with the O 2 gas phase at elevated temperatures.
Thin-film In 2 O 3 .-Experimentally, one routinely observes in polycrystalline undoped In 2 O 3 thin films conductivities above 1000 S=cm, corresponding to carrier densities in the 10 20 -10 21 cm À3 range [1] . The source of this "intrinsic" thin-film conductivity is unknown. Figure 2 shows the measured conductivity as a function of pO 2 at 859 K for a 320 nm thick sputter-deposited polycrystalline In 2 O 3 thin film [25] . The power law behavior with a À1=6 exponent and the reversibility of the measurement shown in Fig. 2 point toward an equilibrium defect formation mechanism such as vacancy generation according to Eqs. (1) and (2) . The puzzle is, however, that the thinfilm conductivities are about 4 orders of magnitude larger than the bulk defect model can explain under the respective conditions. For example, the thin-film conductivity is TF ¼ 35 S=cm at T ¼ 859 K and pO 2 ¼ 0:2 atm (see Fig. 2 ), but the conductivity measured in the bulk under these conditions is only bk ¼ 10 À3 S=cm [7] . Also, the corresponding carrier densities around n TF ¼ 10 19 cm À3 in the thin film are much larger than what could be associated with the thermal generation of O vacancies (n bk ¼ 3 Â 10 14 cm À3 at 859 K, see Fig. 1 ). Indeed, when we extrapolate the À1=6 power law to maximally reducing conditions [i.e., the In-rich-O-poor limit, cf. Eq. (3)], we obtain an extremely high conductivity of TF ¼ 10 6 S=cm. The corresponding carrier and defect densities around 10 24 cm À3 exceed the number of available lattice sites, implying unphysical negative formation energies under the In-rich condition. Therefore, we rule out a bulk point defect mechanism as the cause of the higher thin-film conductivity compared to bulk samples. Intrinsic surface donors.-For the surface calculations (see below for details on the employed methods), we consider the particularly stable (111) surface orientation of In 2 O 3 which-due to faceting-occurs even after epitaxial growth on different substrate orientations [26] . The surface energy is calculated as 50 meV= # A 2 . The calculated ionization potential (IP) is 6.8 eV, as compared to a range 7.0-7.6 eV measured in photoemission experiments [27] , where the larger values have been attributed to adsorbed surface species. As shown in Fig. 3 , the surface band gap is reduced to 2.3 eV, down from 3.1 eV in the bulk, due to an offset of 0.2 eV between the surface and bulk CBM, and an offset of 0.6 eV between and the surface and bulk valence band maxima. The unoccupied conduction bandlike surface states are localized only in the direction perpendicular to the surface, but have a considerable dispersion along inplane directions. Thus electrons released into the surface conduction band cause a 2D conductive layer. Figure 3 shows the calculated single-particle energies for the electronic states introduced by an In adatom In , which are the surface counterparts of the In i and V O defects in the bulk. As seen in Fig. 4a , the In adatom creates a doubly occupied state deep inside the surface band gap which is nonconductive, but also a singly occupied shallow conductive state that is derived from the surface conduction band. The surface vacancy V ð111Þ O creates a doubly occupied state which lies considerably higher in energy than the respective states of the O vacancy in the bulk. Since its energy is practically degenerate with the surface CBM (Fig. 3) , the electrons can easily be thermally excited into the (surface or bulk) conduction band at room temperature, thereby causing conductivity. Figure 4 shows the formation energies of the chargeneutral In Fig. 4 is the lowest found among the 4 inequivalent O sites in the first O layer.) A similar reduction has recently been reported in Ref. [28] . Whereas ÁH of the bulk defects stays positive throughout the full range of chemical potentials, the surface defect formation energies become negative at low O 2 partial pressures around pO 2 ¼ 10 À10 atm (see Fig. 4 ), indicating that under such reducing conditions the excessive surface defect formation induces a nonstoichiometric (Inexcess-O-deficient) reconstruction. Under less reducing conditions, the formation energies are still low enough, e.g., ÁH½V ð111Þ O < 1:1 eV below pO 2 in air, to afford large sheet densities of surface donors. Thus, we conclude that the formation of intrinsic surface donors is a likely source of the recently reported electron accumulation at the surface of In 2 O 3 [20] .
Surface vs bulk contributions to the carrier density.-In order to examine the hypothesis that the thin-film conductivity is determined by surface defects, we performed Hall measurements of In 2 O 3 thin films as a function of the film thickness, shown in Fig. 5(a) . For this purpose, we have grown In 2 O 3 thin films epitaxially on yttria stabilized zirconia (YSZ) substrates. The total carrier density n tot ¼ tot =d, i.e., the measured sheet carrier density tot of the entire film divided by the film thickness d, is analyzed using a two-component model,
which includes a bulklike component n b due to carriers originating from donor defects in the film interior, and a surface component due to the sheet carrier density s created by surface donors. The resulting values of n b and s for (111) oriented films are shown in Table I . We find that in these epitaxial films, the surface component s =d dominates the electrical properties (i.e., s =d > n b ) up to a thickness of d ¼ 150 nm. In polycrystalline films 
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week ending 6 JANUARY 2012 (cf. Fig. 2 ), the surface component can be expected to be even more important, because the presence of internal porosity of grain boundaries would be expected to increase the effective surface area. Indeed, the conductivity of the polycrystalline film (Fig. 2) is more that an order of magnitude higher than that of an epitaxial film (Fig. 5) of the same thickness.
Plotting the film interior (n b ) and surface ( s ) components as a function of the O partial pressure during thinfilm growth [ Fig. 5(b) ], we find that both components can be described by the power law behavior with the À1=6 exponent. The crucial conclusion is that the observation of this exponent in thin films, e.g., in Fig. 2 , is not a unique signature of the traditional point defect mechanism described by Eqs. (1) and (2), but instead points also towards a surface-dominated conductivity.
Conclusions.-The microscopic cause of conductivity in TCO has been a long standing topic of discussion and debate, which has so far focused mostly on defects, dopants, and impurities in the bulk, including traditional donor doping through higher valent elements [3] [4] [5] , intrinsic defects (interstitials and vacancies) [5, 6, [8] [9] [10] , and hydrogen incorporation [11, 12] . We emphasized here that such bulk defect models are incapable to account for the high carrier densities above 10 20 cm À1 that are observed in nominally undoped In 2 O 3 when it is grown in the technologically important thin-film form. The formation energies of intrinsic defects or hydrogen impurities are too high to account for such high electron concentrations [29] , and the donor level of O vacancies is too deep to produce large densities of free electrons at room temperature [10] . Instead, we showed here in a combined theoretical and experimental study that such bulk effects are overshadowed by carriers caused by surface donors, thereby resolving the puzzle of mysteriously high carrier densities in undoped In 2 O 3 thin films. This finding highlights a fundamental difference between TCO materials in the bulk and thin-film forms, and could lead to new approaches for the design of optoelectronic devices with TCO thin films as the conducting contact layer.
Methods.-The electronic structure calculations in this work were performed within the projector-augmented plane-wave pseudopotential formalism implemented in the VASP code [30] . Total energies were calculated within the generalized gradient approximation of Ref. [31] , and defect formation energies were determined by supercell calculations including band-gap and image charge corrections as described in Ref. [32] . Compared to our earlier results for bulk defects in In 2 O 3 [5] , we here considered the revised band-gap energy of In 2 O 3 [20] , the results of GW quasiparticle energy calculations [10, 21] , and corrections for the elemental energies that yield the calculated heats of formation close to experiment [33] . For the surface calculations we used a supercell slab with 240 atoms. For the calculation of the (surface) band structure and energies of the donor states (Fig. 4) , it is necessary to perform a bandgap corrected calculation. Thus, we employed nonlocal external potentials [34] (V nlep ), which were fitted to reproduce both the GW band gap and the position of the V O defect level in bulk In 2 O 3 . Further information about the surface supercell construction and the empirical potentials is given in the Supplemental Material [22] .
The conductivity data shown in Fig. 2 was measured by the van der Pauw method on a 320 nm thick polycrystalline In 2 O 3 thin film that was grown by sputter deposition at 673 K on a MgO single crystal substrate [25] . The epitaxial In 2 O 3 thin films (data shown in Fig. 5 ) were grown by pulsed laser deposition and subsequently characterized under ambient conditions. The thickness of the samples was measured using profilometry, and the sheet carrier density was determined from resistivity and Hall effect measurements in Van der Pauw geometry. A roughness of approximately 1 nm was determined from atomic force microscopy. 
